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Evolution of the main intermetallic phases

in Al-Si-Cu-Mg casting alloys during

solution treatment
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The effect of the copper content and the processing route in the solution treatment of four
Al-Si-Cu-Mg alloys was studied. The solidus temperature of each alloy was obtained
through differential scanning calorimetry (DSC) and compared with Thermo-Calc
calculations. This temperature was between 509–510◦C in all cases. In consequence, three
temperatures were chosen for the solution treatment: 480, 490 and 500◦C. An alternative
two-step solution treatment finishing at 535◦C was also adopted for the alloy with the
lowest copper content. Solution times up to 24 h were considered. The dissolution of the
intermetallic phases was measured using both, metallographic analysis and from the
evolution of the DSC peaks. The results from the two methods were in good agreement.
Thermo-Calc calculations helped explaining the changes in volume fraction of the main
intermetallic phases observed during the solution treatments.
C© 2004 Kluwer Academic Publishers

1. Introduction
Al-Si foundry alloys are extensively used in the auto-
motive and the aerospace industry due to their excellent
castability, good mechanical properties, and wear resis-
tance [1, 2]. The addition of alloying elements such as
magnesium and copper make these alloys heat treatable,
further improving their mechanical properties and al-
lowing their use in new, more demanding applications.

The most common thermal treatments used with
these alloys involve either age hardening the as-cast
alloy (T5-type) or solution treatment followed by age
hardening (T6-type). For most applications, the T6
treatment is usually adopted because it produces maxi-
mum tensile strength and hardness. During the solution
treatment, the alloy is subjected to high temperatures
for relatively long periods of time with two main ob-
jectives: first, to obtain maximum solubility and homo-
geneity of the alloying elements and impurities in the
matrix, and second, to modify the acicular morphology
of the eutectic silicon to a less detrimental, rounded one
[3].

The solution temperature must be high enough and
the treatment time long enough to allow maximum dis-
solution and homogenization of the alloying elements.
However, raising the temperature too much can lead to
incipient melting of the alloy which affects the ductil-
ity of the alloy [4, 5]. The treatment time should be an
optimum to achieve an effective dissolution and also to
avoid the coarsening of the constituents [6].

One of the main problems inherent to Al-Si casting
alloys is their high heat content that prolongs the so-
lidification time, especially in the case of hypereutectic

alloys. Different processing routes are currently em-
ployed with these alloys. Processes with a slow cooling
rate produce segregation and lead to growth of inter-
metallic phases, whereas a fast cooling rate minimizes
nucleation and growth of the precipitates. Depending
on the alloy composition and cooling rate, a high degree
of matrix saturation can be obtained, making possible
the use of short solution treatments. In fact, when peak
mechanical properties are not required, processes with
high enough cooling rates may allow suppressing the
solution treatment step altogether, obtaining very sig-
nificant hardening during artificial aging and greatly
reducing the production cost [7, 8].

The presence of certain impurities, or the addition
of alloying elements outside the optimum levels, can
produce insoluble phases during solidification. It can
be difficult or even impossible to dissolve these phases
during the solution treatment thereby, reducing its ef-
fectiveness. Since the choice of processing route also
controls the formation of intermetallic phases during
solidification and cooling, the thermal treatments and
alloy compositions must be tailored to each specific
processing route, in order to obtain the desired final me-
chanical properties [9]. In this study, alloys produced
in three different ways were considered: conventional
permanent mould casting, lost foam and thixoforming.

Conventional casting in permanent moulds is very
widely used. The solidification rate is rather high and
sound parts with low porosity levels and good mechan-
ical properties are relatively easily produced.

Using the lost foam process very intricate castings
with excellent surface finish can be obtained [10].
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Another important advantage of this process is that
there is no need for expensive metallic moulds. The
main drawbacks are the low solidification rate and the
residual porosity formed during the degradation of the
polymeric pattern [11].

The thixoforming process drastically reduces the
casting temperature, and consequently the heat content,
because the alloys are processed containing around 0.4–
0.6 solid fraction. The solidification time is shorter and
the resulting microstructure is fine and homogeneous.
The very special microstructure obtained after thixo-
forming gives rise to the excellent mechanical prop-
erties and wear behavior of thixoformed Al-Si alloys
[12, 13]. High cost and the impossibility of recycling
scraps in the same production plant are two of the main
problems associated with this processing route. These
problems are currently being addressed by the introduc-
tion of the so called New RheoCasting process (NRC)
[14–16].

The very different processing routes employed in the
production of the four alloys considered in this work
produced remarkable changes in the identity, volume
fraction and morphology of the intermetallic phases in
the as-received alloys.

The main purpose of this work is to determine the
optimum parameters of the solution treatments for each
alloy and to relate them to the different microstructures
of the as-cast alloys. Another objective is to study the
evolution of the different intermetallic phases during
solution treatment done at different temperatures.

2. Experimental procedure
The chemical composition of the alloys and their pro-
cessing routes are shown in Table I. Alloys H3 and H4
were cast in the form of rectangular specimens weigh-
ing 0.6 Kg. each by Hydro Aluminum (Norway). Alloy
E was produced by Hydro and later cast using lost-foam
technology by CR-FIAT (Italy). Finally, the thixotropic
alloy Thixo477 was produced by Pechiney (France) and
thixoformed by The University of Sheffield (U.K.).

The thermal treatments were carried out in a salt bath
using small rectangular specimens of 15 × 10 × 20 mm
approx., cut from the central part of thick sections. The
temperature variation in the salt bath remained always
within ±2◦C of the temperature set. After solution treat-
ment, the samples were immediately quenched in water
at room temperature and polished following standard
metallographic practices. Finally, Keller’s reagent was
used to achieve maximum contrast of the constituents.
A minimum of 24 pictures at 500× magnification of
the polished and etched specimens were taken in the

T ABL E I Chemical composition and processing route of the alloys

Chemical composition (%)

Alloy Processing route Si Mg Cu Ni Fe Ti

H3 Perm. mould 12.85 1.30 1.37 0.00 0.11 0.11
H4 Perm. mould 12.29 1.30 4.40 0.00 0.12 0.11
E Lost-foam 12.64 1.09 4.39 0.00 0.19 0.13
Thixo477 Thixoforming 15.30 0.58 4.38 <0.42 0.21 0.16

Figure 1 Heating cycle of the solution treatments done in the DSC
chamber.

scanning electron microscope (SEM) using back scat-
tered electrons (BSE); 1000× magnification was used
for alloy Thixo477 due to its finer microstructure. Four
intermetallic phases were quantified: Al2Cu (θ ), Mg2Si
(β), Al5Mg8Cu2Si6 (Q) and Al8FeMg3Si6 (π ). These
phases were identified using EDS analysis in the SEM.

The optimum color-contrast permitted the use of
computer based image analysis to quantify the inter-
metallic phases Al2Cu (θ ) (SEM) and Mg2Si (β) (opti-
cal microscope). The other two phases were quantified
using the point count method.

Small cylindrical discs, 4 mm in diameter and
0.45 mm in thickness with an approximate weight of
15 mg were cut for the differential scanning calorime-
try (DSC) experiments. The reference material was
annealed high purity aluminum and the baseline was
subtracted from the data. Nitrogen was used as protec-
tive atmosphere. The heating cycles applied in the DSC
chamber are shown in Fig. 1.

Initially a high heating rate of 100◦C/min was used
up to 450◦C. Once this temperature was reached, the
heating rate was limited to 10◦C/min. The reproducibil-
ity of the DSC runs was checked by repeating some of
the cycles.

Thermo-Calc software [17] was used to calculate the
solidus temperature and the stability and evolution of
the different phases with temperature. The program
uses a database to calculate the minimum Gibbs en-
ergy for a specific system. The calculations done in this
study correspond to the equilibrium conditions at each
temperature. The database used, TTAL [18], is specif-
ically designed for use with aluminum alloys. All the
possible intermetallic phases were included in the cal-
culations.

3. Results and discussion
3.1. Microstructure
The microstructures of the four as-received alloys are
shown in Fig. 2. In the figures, the eutectic and primary
silicon particles are dark gray. The different intermetal-
lic phases are concentrated mainly in the interdendritic
spaces and are light gray in color, with the exception
of Mg2Si (β) which is black. In Fig. 3a SEM picture of
the main intermetallic phases together with their EDS
spectra is shown.

Alloys H3 and H4 showed a very similar distribution
and size of the eutectic and primary silicon particles.
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Figure 2 Microstructure of the four alloys: (a) alloy H3, (b) alloy H4, (c) alloy E, and (d) alloy Thixo477.

Figure 3 Detail of the intermetallic phases in alloy H3 with their corresponding EDS analysis.
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T ABL E I I Metallographic measurements and theoretical values of the main intermetallic phases in the as-received condition

Intermetallic phases (%)

Al2Cu (θ ) Mg2Si (β) Al5Si6Cu2Mg8 (Q) Al8FeMg3Si6 (π )

Alloy Exp. Theor. Exp. Theor. Exp. Theor. Exp. Theor.

H3 0.9 ± 0.1 1.48 1.7 ± 0.4 2.40 0.1 ± 0.3 0 0.9 ± 0.2 0.96
H4 3.6 ± 0.5 3.71 0 0 1.5 ± 0.2 3.60 0.7 ± 0.2 1.05
E 4.5 ± 0.6 4.03 0 0 1.1 ± 0.2 2.65 1.4 ± 0.4 1.66
Thixo477 4.7 ± 0.4 4.63 0 0 a 0.96 a 1.84

aThe size of the particles was small and no quantitative measurements could be made.

However due to the significantly lower copper content
of alloy H3, the identity and percentage of the inter-
metallic phases present in the two alloys were very dif-
ferent. Alloy H3 presented mainly Mg2Si (β) in the
Chinese script form (see Fig. 2a). In alloy H4 the main
intermetallic phase was Al2Cu (θ ), concentrated at the
grain boundaries and triple points of the aluminum den-
drites (see Fig. 2b).

The microstructure of alloy E is shown in Fig. 2c.
The composition of this alloy is very similar to that of
alloy H4, and there was no big difference in the as-
received microstructures of the two alloys. However,
the microstructure of alloy E was somewhat coarser
due to the slower solidification rate of the lost foam
process. As in alloy H4, most of the intermetallic phases
were distributed along the grain boundaries, but in alloy
E, some smaller θ particles (<1 µm) were also found
inside the aluminum phase.

The thixoformed alloy Thixo477 shows a completely
different microstructure (see Fig. 2d) from the other
3 alloys. The aluminum phase was rounded, the sili-
con particles smaller and of polygonal shape, and the
intermetallic phases extremely fine, distributed evenly
around the aluminum globules.

The metallographic measurements of the volume
fractions of the different intermetallic phases in the al-
loys in the as-received condition are shown in Table II.
Also in this table, the possible maximum fractions of
the intermetallic phases calculated using mass balance
are shown. It should be noted that the compositions of
alloys H4, E and Thixo477 are similar with only small
differences in the percentage of alloying elements and
impurities. Those differences together with the process-
ing routes were responsible for the changes in the vol-
ume fractions of the intermetallic phases measured.

For the calculations it was considered that all the
iron is attracted by the π phase and that the remaining
magnesium goes to the Q phase in alloys H4, E and
Thixo477 and to the β phase in alloy H3. In the case
of the π phase the differences between calculated and
measured values are small.

In alloys H4, E and Thixo477 the difference is ex-
plained by the morphology and distribution of the par-
ticles of the Q phase. Most of this phase is in the form
of isolated polygonal particles and the rest forming a
fine complex eutectic together with the θ phase (Fig. 4).
During the metallographic measurements, often it was
not possible to distinguish it form the θ phase. Thus
part of the θ phase measured metallographically cor-
responds to the Q phase. In alloy H3 the calculated

Figure 4 Morphology of the θ -Q-Al eutectic in alloy Thixo477.

percentages of the θ and Q phases are high because the
presence of the Q phase is not considered in the calcu-
lations. If a percentage of the Q phase is allowed the
calculated values come close to the measured ones.

An additional reason for the differences observed, is
that despite the relatively slow cooling rate of the pro-
duction of the parts, the matrix still keeps some degree
of supersaturation that is not taken into account in the
calculations.

The DSC scans of the as-received alloys are shown
in Fig. 5. The DSC scans allowed the determination of
the solidus temperature of the alloys (the temperature at
which the first eutectic melts). This temperature defined
the upper limit for the solution heat treatments. In the
figure, the solidus temperature of the alloys obtained
by Thermo-Calc is also shown.

The solidus of the four alloys as determined by DSC
was between 509–510◦C. All alloys, with the exception
of alloy H3, presented a well defined peak at this tem-
perature that considering the composition of the alloys
it corresponds to reaction (1) [19].

Al + Si + Al2Cu(θ ) + Al5Mg8Cu2Si6(Q) → Liquid

(1)

The area under the peak in alloy H3 was small and it
even did not appear when slower heating rates were
employed (5◦C/min or less), demonstrating that θ , Q or
both phases dissolved at high temperatures, effectively
delaying the solidus until 540◦C.

In alloys H4, E and Thixo477, a small depression
of the DSC curve was observed prior to the first
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(a) (b)

(c) (d)

Figure 5 DSC scans of the alloys as-received: (a) alloy H3, (b) alloy H4, (c) alloy E, and (d) alloy Thixo477. The dotted lines represent the solidus
calculated by Thermo-Calc.

endothermic peak. This peak is most likely produced by
reaction (2):

Al + Al2Cu(θ ) + CuMgAl2 → Liquid (2)

According to [20] this reaction takes place at 507◦C.
The CuMgAl2 usually forms in low silicon content al-
loys but it could be present in small amounts in the
alloys studied producing the small peak observed in
the DSC runs.

The DSC scans were also used to identify the inter-
metallic phases present in each alloy together with their
melting points.

In Table III, the possible reactions for each DSC peak
as predicted by Mondolfo [20] for Al-Si-Cu-Mg alloys
are listed. These reactions were selected considering
the composition of the alloys and the temperature at
which each of the DSC peaks took place.

In order to assign a single reaction to each DSC
peak, the data from metallographic measurements,
DSC scans and Thermo-Calc calculations were com-

T ABL E I I I Possible reactions for each DSC peak predicted by Mondolfo [19]

DSCpeak Mondolfo T (◦C)

1st (509–510◦C) Al + Si + Al2Cu + Al5Mg8Cu2Si6 → liquid (a) 507
2nd (525–527◦C) Al + Al5Mg8Cu2Si6 → liquid + Si + Mg2Si (b) 529

Al + Al2Cu + Si → liquid (c) 525
3rd (530–542◦C) Al + Al5Mg8Cu2Si6 → liquid + Si + Mg2Si (b) 529

Al + Mg2Si + Si → liquid (d) 555
Al + Mg2Si + Si + Al8FeMg3Si6 → liquid (e) 554

4th (550–551◦C) Al + Mg2Si + Si → liquid (d) 555
Al + Mg2Si + Si + Al8FeMg3Si6 → liquid (e) 554

5th (552–562◦C) Al + Si → liquid (f) 577
Al + Si + Al8FeMg3Si6 → liquid + Mg 2Si (g) 567

bined. In Fig. 6 the evolution of the main phases with
temperature calculated by Thermo-Calc is given. The
TiAl3 phase is not included because the amounts pre-
dicted are very low in all the alloys.

The calculations were mainly used to analyze the
stability of the intermetallic phases during the solution
treatments but they also provided valuable information
about the temperatures at which the different phases
dissolved or reacted. These data have been used for the
identification of the DSC peaks.

Regarding the first DSC peak, different authors agree
in attributing it to reaction (a) in Table III [21, 22].
In alloys E, H4 and Thixo477, the alloys with higher
copper content, the amount of θ and Q phases measured
metallographically was considerable. In alloy H3 the
amount of θ phase was very small and consequently the
energy of the first peak was smaller than in the higher
copper content alloys. However it must be remembered
that the peak area does not only depend on the amount
of phase transformed but also on the transformation
enthalpy.
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(a) (b)

(c) (d)

Figure 6 Evolution of the main intermetallic phases as calculated by Thermo-Calc: (a) alloy H3, (b) alloy H4, (c) alloy E, and (d) alloy Thixo477.

The Thermo-Calc calculations also confirmed the
identity of this peak, as shown in Fig. 6. In alloys E,
H4 and Thixo477, the θ and Q phases were stable until
510◦C. At this temperature, they reacted with aluminum
and silicon forming liquid (reaction (a)). In alloy H3, on
the other hand, Thermo-Calc predicted that the θ phase
is only stable at low temperatures (<300◦C). In the
DSC runs a peak was obtained because during the rel-
atively fast heating the system is far from equilibrium.
At slower heating rates the θ phase has time to dissolve
in alloy H3, and hence reaction (1) would not occur.

The second peak in alloys E, H4 and Thixo477 could
be produced by reactions (b) or (c) (Table III). Suppos-
ing that the peak corresponds to reaction (b), the energy
of the DSC peak should be proportional to the amount
of Q phase found in each alloy, that is, highest in alloy
H4 and lowest in alloy Thixo477. However, the energy
of the peak followed the opposite trend. Consequently,
the second peak was attributed to reaction (c).

The energy of the third peak was higher in alloy H4
than in alloy E due to the higher amount of Q phase
measured in the former when compared to the latter.
In alloy Thixo477 this peak did not occur. This result
is not surprising because the amount of Q phase was
considerably smaller in this alloy, due its lower magne-
sium content and relatively high Fe content that favor
the formation of π phase instead (see Fig. 6). Hence,
the third peak in alloys H4 and E was produced by re-
action (b). In alloy H3, the Thermo-Calc calculations
suggest that the second DSC peak also corresponds to
reaction (b).

The fourth peak was only observed in alloy H3. Ac-
cording to Thermo-Calc calculations, at the tempera-

ture where the peak took place (around 550◦C) the β

phase reacts with silicon and aluminum producing more
liquid (reaction (d)). The high copper content of alloys
E, H4 and Thixo477 eliminated the presence of the β

phase as measured metallographically and also calcu-
lated by Thermo-Calc. Consequently the 4th peak did
not take place in these three alloys.

Finally, regarding to the 5th peak, it is well known
that this peak corresponds to the main eutectic reaction
(f). From Thermo-Calc calculations, the Al8FeMg3Si6
phase (π ) also melts at the same temperature (reaction
(g)). The 5th DSC peak is produced simultaneously by
reactions (f) and (g) (Table III).

In many cases, reaction temperatures predicted by
Thermo-Calc differ slightly from the values obtained
experimentally. However, the differences are in most
cases small and Thermo-Calc proves to be useful in
these alloy systems.

3.2. Solution treatment
As was mentioned before, three temperatures were cho-
sen for the solution treatments: 500, 490 and 480◦C. In
the case of alloy H3, a two step solution treatment, fin-
ishing at 535◦C, was also adopted.

Since the peaks in the DSC runs were already iden-
tified, as described in the previous section, it was
possible to relate the changes in the peak energies dur-
ing the solution treatments to the dissolution or for-
mation of specific intermetallic phases. The results
from the DSC runs were compared to direct measure-
ments of the intermetallic phases using metallographic
means.

1348



The temperature of the solution treatment dictates the
solubility of the alloying elements in the aluminum ma-
trix. From Thermo-Calc calculations, in alloys H4, E
and Thixo477, the solubility of copper increases steeply
with temperature up to approx. 4% at 500◦C. The in-
crease in magnesium solubility is more moderate; in
these alloys, only 0.25% can be placed in solution at
500◦C. In alloy H3 all the copper can be dissolved at
490◦C. The solubility of Mg at 500◦C is only 0.29%.
However, at 535◦C up to 0.40% magnesium and 1.30%
silicon can be dissolved. It is extremely important to
maximize the solubility of Mg in these alloys because
the hardening effect of this element, even in small con-
centrations, is very strong [23, 24].

However, those are equilibrium solubilities. The dis-
solution rate of the intermetallic phases varies with the
processing route and composition of the alloy and it
may not be possible to attain the equilibrium solubility
in a given alloy. In any case, the time at the nominal
solution temperature should be long enough to allow
maximum dissolution of the alloying elements.

The optimum solution treatment time was consid-
ered to be the time needed to obtain equilibrium dis-
solution of the intermetallic phases. Longer times do
not produce further solubilization and only coarsen the
microstructure.

3.2.1. Alloy H3
The results for the evolution of the main intermetallic
phases during solution treatment in permanent mould
cast alloy H3 are shown in Fig. 7. The curves for the θ

phase are not included because this intermetallic phase
dissolved immediately during the solution treatment.

The evolution of the Q phase measured metallograph-
ically and by DSC was very similar. In the as-received
condition, the amount of this intermetallic phase was
very small. During solution treatment, a progressive
formation of this intermetallic was observed, reaching
a stationary situation after about 5 h. However, at equi-
librium, the amount of Q phase decreased when the
solution temperature was raised, being minimum at the
two step solution treatment finishing at 535◦C.

The β phase dissolved very fast during solution treat-
ment. Even after just 2 min at the lowest solution tem-
perature (480◦C), it reached a state of equilibrium dis-
solution. The extremely fast dissolution made the DSC
highly inaccurate. During the heating cycle in the DSC
chamber, the β phase quickly dissolved and the energy
of the peak did not correspond to the amount of β phase
measured metallographically.

The evolution of the β and Q intermetallic phases
during the solution treatment was opposite. During the
processing, the alloy solidified fast, outside equilib-
rium conditions. According to Thermo-Calc calcula-
tions (Fig. 6) the β phase forms at high temperatures,
and even if its stability decreases as the temperature
goes down, the relatively fast cooling rate does not al-
low significant dissolution levels of this intermetallic
phase. The opposite situation was found with the Q
phase. This intermetallic phase starts to form at around
533◦C and gains stability as the temperature goes down.
In any case, Thermo-Calc predicts the phases present at

(a)

(b)

Figure 7 Evolution of the main intermetallic phases in alloy H3: (a)
metallography and (b) DSC.

each temperature, under equilibrium solidification con-
ditions, only found under extremely slow cooling rates.
At high cooling rates, there is no time for the precipita-
tion of the Q phase explaining why only small amounts
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Figure 8 Dissolution of the β phase and precipitation of the Q phase in alloy H3 during solution treatment: (a) alloy as cast and (b) after 5 h at 500◦C.

were found in the alloy as-received. During solution
treatment, the alloy progressively approximated equi-
librium at each solution temperature; theβ phase started
to dissolve while simultaneously, increasing amounts
of the Q phase were nucleated in the particles of the
β phase. This transformation is shown in the two mi-
crographs of Fig. 8. Fig. 8a is a detail of the as-cast
microstructure showing a particle of the β phase with
the typical Chinese script form; precipitated on this par-
ticle are two smaller particles of θ phase (in white).
Fig. 8b corresponds to the same alloy after 5 h of solu-
tion treatment at 500◦C. In this micrograph, the β phase
has been partially substituted by small Q phase parti-
cles. The equilibrium of the two phases changed with
the annealing temperature. At the lowest solution treat-
ment temperature, the stability of the Q phase reached
its maximum and that of the β phase its minimum. In
contrast, in the two step solution treatment that finishes
at 535◦C, the Q phase lost stability, almost disappear-
ing, and a slight increment in the amount of the β phase
was found, exactly as predicted by Thermo-Calc.

The amount of the π phase was nearly constant at all
of the solution temperatures used. There was no appre-
ciable dissolution of this phase even after 24 h in the salt

bath. The stability of this phase was also well predicted
by Thermo-Calc. The DSC peak corresponding to the
melting of this phase coincided with the mayor Al-Si
eutectic melting peak and was completely covered by
it, making it impossible to evaluate the evolution of this
phase with the DSC. The same difficulty was found in
the rest of the alloys studied as described in the follow-
ing section.

3.2.2. Alloys H4, E and Thixo477
The results of the metallographic measurements and
DSC peak energies corresponding to alloys H4 (perma-
nent mould cast), E (lost-foam) and Thixo477 (thixo-
forming) are shown in Figs 9–11 respectively. The main
intermetallic phase in these alloys was θ , as reported in
Table II. During solution treatment this phase dissolved
progressively in the three alloys. The analysis of the
curves demonstrates that the effect of the processing
route on the dissolution speed of the θ phase was very
strong. In Fig. 12 the evolution of the θ phase at 500◦C,
as measured metallographically, for the three alloys is
shown. Alloy H4 reached equilibrium dissolution after
around 2–3 h. The increased dendrite arm spacing and

1350



(a)

(b)

Figure 9 Evolution of the main intermetallic phases in alloy H4: (a)
metallography and (b) DSC.

(a)

(b)

Figure 10 Evolution of the main intermetallic phases in alloy E: (a)
metallography and (b) DSC.
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(a)

(b)

Figure 11 Evolution of the main intermetallic phases in alloy Thixo477:
(a) metallography and (b) DSC.

Figure 12 Evolution of the θ phase during solution treatment at 500◦C
for alloys H4, E and Thixo477.

coarser size of the θ phase in alloy E slowed down the
dissolution process slightly. A minimum of 5 h was nec-
essary in this alloy to reach equilibrium. The dissolution
of the θ phase in alloy Thixo477 was much faster due
to its finer microstructure. The particles dissolved very
fast and after only 30–60 min, the dissolution process
was in equilibrium. No further dissolution was detected

after that time in any of the three solution temperatures
studied.

The θ phase in these alloys forms and dissolves fol-
lowing two different reactions from Table III: (θa) from
reaction (a) and (θc) from reaction (c) [21]. Through
metallographic examination, in most cases it was pos-
sible to differentiate between the two forms because the
θ phase from reaction (a) was associated with particles
of the Q phase. However, it was not possible to give a
quantitative measurement of these two θ phase forms
independently using metallography.

The DSC allowed independent monitoring of the evo-
lution of each form. The energy of the first peak in the
DSC runs corresponds to the melting of θa particles and
the second to the melting of the blocky like θc particles.
The evolution of the second DSC peak during the solu-
tion treatment was very different in each alloy. In alloy
H4 the energy of the peak remained nearly constant dur-
ing annealing (Fig. 9). In alloy E there was a marked
energy increment of the peak with annealing time; the
increment rate was more pronounced at higher treat-
ment temperatures (Fig. 10). Finally in alloy Thixo477
the energy of the peak went up during the first hour, but
after this time, it started to decrease smoothly (Fig. 11).

In order to understand the evolution of the second
DSC peak and, in consequence, the evolution of the θc

particles during annealing, the evolution of the π phase
must be also analyzed.

Thermo-Calc predicted complete stability of the π

phase in the four alloys considered (see Fig. 6). Met-
allographic examination revealed that in alloy H3 this
phase remained stable even after annealing the alloy
at 535◦C. However in the higher copper content al-
loys, H4, E and Thixo477, metallographic examination
revealed that during solution treatment, the π phase
dissolved and simultaneously small Al2Cu particles
formed surrounding the dissolving π particles, as can
be seen in the two micrographs of Fig. 13. This process
was similar to the dissolution of the β phase previ-
ously described for alloy H3. The energy changes of
the 2nd DSC peak mentioned earlier, can be explained
analyzing the evolution of the π phase during solution
treatment.

In alloy H4 the amount of this phase was small com-
pared to that of alloys E and Thixo477. In the latter
two, the iron content was higher and the main magne-
sium containing intermetallic phase was π rather than
Q. During solution treatment most of the particles of
the π phase, present in alloy H4, quickly dissolved and
the formation of the θc particles was insignificant. For
this reason the energy of the 2nd DSC peak during the
solution treatment remained nearly constant.

In alloy E the amount of theπ phase in the as-received
condition was higher. Due to the slow solidification rate
of the alloy, the particles of this phase were also larger.
During solution treatment, the π phase slowly dissolved
and θc particles formed simultaneously. At higher treat-
ment temperatures, the process accelerated as can be
seen in the evolution of the 2nd DSC peak at 500◦C
in Fig. 10. However, after long solution times (24 h)
equilibrium was reached and a similar situation was
found at the three treatment temperatures considered:
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Figure 13 Dissolution of the Al8FeMg3Si6 (π ) phase and precipitation of the Al2Cu (θ ) phase during solution treatment: (a) alloy E as received and
(b) after 7 h at 500◦C.

the π phase disappeared almost completely and clusters
of small θ particles were formed resembling the shape
of the original π particles. Consequently the DSC peak
energy at the three solution treatment temperatures was
similar after 24 h.

In alloy Thixo477, the π phase was present in the
form of very small particles. The small size of these
particles promoted very fast dissolution and nucleation
of the θc particles around them. In Fig. 14, a detail of
the formation of θc particles in alloy Thixo477 during
solution treatment is shown. The process finished after
about 1h of solution treatment at all temperatures stud-
ied. After this time, progressive dissolution of the small
θc particles took place. After 24 h of solution treatment
these small particles were almost completely dissolved
in the matrix. Based on the evolution of the second DSC
peak it can be concluded that, the speed of dissolution
was similar at the three solution temperatures.

Finally, regarding the evolution of the Q phase
in these three alloys, the DSC and metallographic
measurements were in total agreement. This phase
remained stable during solution treatment in alloys
H4 and E. Other researchers have also reported this

phase to be insoluble at solution temperatures as high
as 530◦C in Al-Si-Cu-Mg alloys [25]. However, it
must be remembered that the amount of Q phase did
change with solution time in the lower copper content
alloy H3.

In alloy Thixo477, metallographic examination re-
vealed the presence of a very small fraction of Q par-
ticles always associated with θ phase particles. This
small fraction reacted completely in the first DSC peak
leaving no additional Q phase and consequently inhibit-
ing the apparition of the 3rd DSC peak. This fact was
well predicted by Thermo-Calc.

In view of the above observations, it is clear that each
of the four alloys requires different solution treatment
parameters to optimize the results. As was previously
explained, the optimum time at the solution treatment
temperature depends upon the alloy composition and
fabrication procedure used. The section thickness of the
part is also important in determining the time for the
solution treatment. The optimum solution times given,
are for samples with 15 × 10 × 20 mm approximate di-
mensions, used in this work. Thicker sections would
need longer solution heat treatments [26].
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Figure 14 Dissolution of the fine Al8FeMg3Si6 (π ) phase particles and simultaneous formation of θ phase particles.

In permanent mould cast alloy H3, the optimum so-
lution treatment would be performed in two stages, as-
follows: 2.5 h at 500◦C followed by 2.5 h at 535◦C.
At the lower temperature, all the θ phase is placed
in solution, permitting a further increase in tempera-
ture without any risk of eutectic melting. At 535◦C, a
more effective dissolution of silicon and magnesium is
obtained.

In alloys H4, E and Thixo477, the optimum temper-
ature for the solution treatment is 500◦C. The use of
slightly higher solution treatment temperatures would
only be recommended if the temperature control of the
furnace is fine enough to avoid incipient melting (the
solidus temperature of these alloys is between 509–
510◦C). However, the time needed in each alloy varies,
due to the different dissolution rate of the θ and π

phases.
In permanent mould cast alloy H4, between 2 and 3 h

at 500◦C are enough to obtain equilibrium dissolution
of the θ phase and only 2 h are needed to completely
dissolve the π phase. The solution treatment chosen is
2–3 h at 500◦C.

Regarding the lost foam alloy E, the coarser size of
the intermetallic phases formed during the lost foam
process slow down the dissolution kinetics. Conse-
quently, between 5 and 7 h are needed to reach equilib-
rium dissolution of the θ phase. The π phase dissolves
completely after 7 h. The optimum solution treatment
for this alloy is 7 h at 500◦C.

Finally, in the thixoformed alloy Thixo477, the thin
and elongated θ phase particles that coat the aluminum
globules in the as-received alloy dissolve extremely fast
because the solubility of particles with large surface-to-
volume ratios is favored thermodynamically [10]. For
the present sample size, only 0.5 to 1 h at 500◦C are
needed to reach equilibrium.

4. Conclusions
Based on the present findings, the following conclu-
sions can be drawn:

1. The combined use of metallographic measure-
ments and Thermo-Calc calculations allow the identifi-
cation of the reactions responsible for the endothermic
peaks of the DSC runs.

2. Calorimetry was successfully used in monitoring
the evolution of the different intermetallic phases dur-
ing solution treatment. The results obtained agreed well
with metallographic measurements and also with cal-
culations of the Thermo-Calc software package.

3. The small compositional changes of alloys H4,
E and Thixo477 produce significant variations in the
volume fraction of the intermetallic phases. The main
intermetallic phase in these alloys is θ .

4. The sluggish solutioning kinetics of alloys E and
H4 compared to that of alloy Thixo477 are caused by
the extremely fine size of the intermetallic phases found
in the thixoformed alloy. Also, the relatively high Mg
content of alloy E and especially that of alloy H4 com-
pared to that of alloy Thixo477 causes the formation of a
high volume fraction of Q phase particles that remained
undissolved during the different solution treatments ap-
plied.

5. In alloy H3 the use of a two step solution treatment
allows to use a higher solution treatment temperature
without any eutectic melting. The use of a higher solu-
tion treatment temperature maximizes the dissolution
of the magnesium containing intermetallic phases.
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